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Abstract
The high-rate sensitivity of nanostructured metallic materials demonstrated in the
recent literature is related to the predominance of thermally activated deformation
mechanisms favoured by a large density of internal interfaces. Here we report
time-resolved highresolution electron transmission microscopy creep tests on thin
nanograined films using on-chip nanomechanical testing. Tests are performed on
palladium, which exhibited unexpectedly large creep rates at room temperature.
Despite the small 30-nm grain size, relaxation is found to be mediated by
dislocation mechanisms. The dislocations interact with the growth nanotwins
present in the grains, leading to a loss of coherency of twin boundaries. The
density of stored dislocations first increases with applied deformation, and then
decreases with time to drive additional deformation while no grain boundary
mechanism is observed. This fast relaxation constitutes a key issue in the
development of various micro- and nanotechnologies s...
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Dislocation-mediated relaxation in nanograined
columnar palladium ﬁlms revealed by on-chip
time-resolved HRTEM testing
M.-S. Colla1, B. Amin-Ahmadi2, H. Idrissi1,2, L. Malet3, S. Godet3, J.-P. Raskin4, D. Schryvers2 & T. Pardoen1
The high-rate sensitivity of nanostructured metallic materials demonstrated in the recent
literature is related to the predominance of thermally activated deformation mechanisms
favoured by a large density of internal interfaces. Here we report time-resolved high-
resolution electron transmission microscopy creep tests on thin nanograined ﬁlms using
on-chip nanomechanical testing. Tests are performed on palladium, which exhibited
unexpectedly large creep rates at room temperature. Despite the small 30-nm grain size,
relaxation is found to be mediated by dislocation mechanisms. The dislocations interact with
the growth nanotwins present in the grains, leading to a loss of coherency of twin boundaries.
The density of stored dislocations ﬁrst increases with applied deformation, and then
decreases with time to drive additional deformation while no grain boundary mechanism
is observed. This fast relaxation constitutes a key issue in the development of various
micro- and nanotechnologies such as palladium membranes for hydrogen applications.
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N
anocrystalline metals present excellent mechanical
performance in terms of strength and fatigue resistance
but often at the expense of ductility1. Furthermore,
nanocrystalline systems show moderate to high rate sensitivity at
room temperature2, which might help restoring the ductility3 but
can lead to detrimental creep/relaxation effects in applications.
The high-rate sensitivity results from a variety of thermally
activated mechanisms involving grain boundary (GB) sliding,
diffusion, grain growth and dislocation nucleation1,4–6. Some of
these mechanisms are well understood; however, the interactions
among them in terms of possible cooperation or competition
constitute a matter of open research. Thin metallic ﬁlms
constitute ideal candidates for looking at the mechanics of
columnar-grained and -textured nanocrystalline systems as they
can be easily produced with nanograined structures frequently
involving a single grain along the growth direction and sharp
crystallographic textures7. The small thickness allows for direct
in situ testing by transmission electron microscopy (TEM)
to characterize deformation mechanisms8,9. In addition to
fundamental interest, thin nanocrystalline metallic ﬁlms are
essential constituents of microelectronics, microelectromechanical
systems (MEMS), functional coatings or membrane applications.
Different methods have been used to characterize the rate-
sensitive creep or relaxation behaviour at the nanoscale, involving
nanoindentation, bending and direct tensile testing4,10,11. The
main shortcomings involve the difﬁculty to impose very small
strain rates typical of real applications and to perform in situ
relaxation tests in order to characterize the deformation
mechanisms. In addition, the sensitivity to drift is increased at
nanoscale, which prevents imposing a constant load during long
periods of time. A technique consisting of the measurement of the
stress evolution during thermal cycling and allowing in situ
observation has been proposed but the interpretation and high-
resolution observations are complicated12.
Here palladium (Pd) ﬁlms are studied as a reference system to
investigate hardening and relaxation in nanocrystalline materials
with growth nanotwins, as well as for its importance in hydrogen
technologies such as in sensors or membranes. We report time-
resolved high-resolution TEM (HRTEM) creep/relaxation experi-
ments using an on-chip testing method. Note that, as images
cannot be continuously recorded and as the TEM equipment
cannot be monopolized for several days in a row, the specimens
had to be stored outside the microscope during the waiting times
between two series of observations. The study is thus not strictly
speaking in situ, but could be fully in situ if relaxation was faster.
The ﬁlms involve B30-nm grain size and initially contain
perfectly coherent twin boundaries (TBs). Once deformed, the
TBs lose coherency because of intense dislocation activity. During
relaxation, dislocations keep accumulating at TB, while the total
dislocation density decreases. The activation volume of the Pd
ﬁlms extracted from the stress–strain evolution is B20 b3 and
increases during relaxation as a result of the decrease in
dislocation density. In the following, we demonstrate that
dislocation-mediated mechanisms dictate the mechanical
response of Pd ﬁlms during both deformation and relaxation,
despite the nanosized grain structure.
Results
Mechanical characterization by on-chip testing. An on-chip
testing method has been used to determine the mechanical
response of 90-nm-thick Pd ﬁlm under uniaxial tension. The
design of the testing method allows time-resolved TEM obser-
vation of the ﬁlms under deformation and relaxation (see Fig. 1a
and Methods). The mechanical analysis considers straight beams
without notches only. The stress and strain evolution during
relaxation is shown in Fig. 1b. The fracture strain isB3% and the
yield stress B500±60MPa close to the internal stress measured
after deposition. The reproducibility of the measurements has
been veriﬁed by testing different series of tensile stages from the
same batch (Supplementary Fig. 1).
As-deposited microstructure of the Pd ﬁlms. The micro-
structure and texture of the as-deposited Pd ﬁlms evaporated at
1 Å/s were characterized using both cross-sectional and plan-view
foils prepared by focused ion beam (FIB; see Fig. 2 and Methods).
The structure is columnar with 2 or 3 grains over the thickness
and an in-plane grain diameter of B30 nm. The dislocation
density in the as-deposited ﬁlm measured by HRTEM is equal to
4±0.7 1016m 2 as an average from four grains (for details
about the HRTEM and the counting of dislocations see the
Methods part, Supplementary Note 1 and Supplementary Fig. 2).
The microstructure involves S3 60 {111} coherent growth
nanotwins inB25% of the grains13,14. A ﬁbre texture is observed
with the [110] direction oriented perpendicular to the ﬁlm and no
in-plane preferential orientation.
Dislocation density evolution. The ﬁrst TEM observation of
deformed specimens has been performed 4 h after release. These
samples are observed under plan-view conditions with the Pd
beam still being intact (except for the FIB-induced notches) and
with the substrate and sacriﬁcial layer being removed to allow
electron transparency. This implies that no images of the pristine,
that is, the unreleased sample, are available for the data shown in
Figs 3 and 4. The mean dislocation density measured as an
average from different grains deformed by B2% increases up to
7±0.7 1016 m 2 (Fig. 3a), which is almost twice the initial
density found in the as-deposited ﬁlm. The scatter in dislocation
density is caused by the local nature, that is, individual nano-
crystalline grains, of the HRTEM measurements. This dislocation
density is more than one order of magnitude larger than
the dislocation density usually measured in nanocrystalline
materials15–17. It is commonly claimed that nanograin sizes
prevent dislocation storage. Recent investigations also found
signiﬁcant dislocation accumulation in nanocrystalline Ni15,17
and Pt16. The presence of pre-existing dislocations and twins in
the as-deposited ﬁlms presumably favours additional storage by
providing pinning sites (see further). Only perfect dislocations
were observed with no stacking faults or deformation twins
during deformation, in agreement with the high stacking fault
energy of Pd (gsfE180mJm 2) and conﬁrming previous ex situ
TEM characterizations performed on the same Pd ﬁlms18.
Furthermore, twinning/detwinning due to twin boundary
migration in grains containing pre-existing growth twins has
not been observed in the present work. In Pd, the grain size under
which partial dislocation emission is favoured over full
dislocation emission is B13 nm (ref. 5).
During relaxation, the dislocation density decreases by a factor
B2 to reach a steady-state level (Fig. 3a). In Figure 3b–d, the
inverse fast Fourier transform (IFFT) images extracted from
HRTEM images by selecting all three ﬁrst order g-vectors 111,
111 and 002 illustrate the dislocation activity during relaxation at
exactly the same location over time. Note that the slight rotation
of the HRTEM images in Fig. 3b–d is because of the global
rotation of the sample during the successive insertion/removal of
the TEM holder in the microscope over the different days of
measurement. The positions of perfect dislocations lying in
two different {111} slip planes are continuously varying (see
T symbols added for all observed dislocations in Fig. 3b–d).
Interestingly, Lomer–Cottrell dislocations have been detected.
This kind of sessile dislocation is very effective to induce
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hardening and is typical of face-centred cubic metals with
medium to high stacking fault energy15, such as Pd. More
surprisingly, the Lomer–Cottrell locks disappear with time (see
Fig. 3b–d, Supplementary Note 2 and Supplementary Fig. 3).
Recently, a similar formation and breaking of Lomer–Cottrell
junctions has been observed in Pt ﬁlms with 10-nm grain size16.
Numerical simulations predict that a stress of B750MPa is
needed to destroy the junction in Pd19, which falls in the range
attained in this study. Hence, despite the 30-nm grain size,
dislocation-based mechanisms dictate the mechanical response of
the Pd ﬁlms during both the fast predeformation and the slow
relaxation. Note that the local time-resolved evolution of
dislocation density measured in the region shown in Fig. 3b is
in agreement with the results of Fig. 3a coming from an average
over multiple grains (see Supplementary Fig. 4).
TB morphology evolution. TBs constitute strong barriers to
dislocation motion. Initially, in the as-deposited ﬁlm, most of the
S3 60 {111} TBs are perfectly coherent, see Fig. 2f. However, the
coherency is lost during deformation due to the interaction of
lattice dislocations with the TBs13,18. The loss of coherency of
these TBs keeps increasing upon relaxation as indicated by the
progressive increase in the TB1 and TB2 thickness (Fig. 4). This is
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Figure 1 | On-chip testing method for mechanical characterization. (a) Schematic view of the structures allowing time-resolved TEM observation
with 3-mm scale bar. Notches have been milled at every two beams using FIB (see Methods for more details). (b) Stress–strain evolution of different
Pd beams under uniaxial tension. The Young’s modulus has been determined by nanoindentation as equal to 120GPa. The initial strain level epr
before relaxation is indicated in the ﬁgure. The inset presents the mean activation volume evolution as a function of the initial strain epr present in the
different beams before relaxation. The activation volume V decreases when the initial strain level increases.
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Figure 2 | Microstructure characterization of the as-deposited Pd ﬁlm. (a) ACOM-TEM orientation mapping of a plan-view FIB sample with 200-nm
scale bar. The ﬁlm has been thinned to obtain one grain through the thickness. (b) Inverse pole ﬁgure showing the {110} preferential orientation of the
grains in the direction perpendicular to the ﬁlm. (c) Inverse pole ﬁgure showing the random orientation of the grains in the direction parallel to the ﬁlm, that
is, in the tensile direction. (d) Grain size distribution of the as-deposited Pd ﬁlm obtained from the ACOM-TEM map presented in a. The grain size
distribution has been determined using a grain tolerance angle of 10. (e) Bright ﬁeld micrograph obtained on cross-sectional FIB sample with two or
three grains over the thickness with 50-nm scale bar. (f) HRTEM image showing a S3 60 {111} growth nanotwin with perfectly coherent TBs with
5-nm scale bar.
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Figure 3 | Dislocation density evolution upon relaxation. (a) Average dislocation density (red solid squares) evolution of the Pd ﬁlm versus time
(open circles are measurements of individual grains with listed numbers indicating the corresponding grain size (nm)). The average dislocation density
in as-deposited Pd ﬁlms is 4±0.7 1016m 2. On the images, the time after the release is given in hours. Dislocation density ﬁrst increases when
deformation is applied after release and then decreases upon relaxation. (b–d) Filtered HRTEM images showing the continuous change of the dislocation
positions with time. Note the formation and destruction of Lomer–Cottrell dislocations indicated by L-C in c. The perfect dislocations are indicated by
‘T’ symbols. The scale bar is 2 nm.
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Figure 4 | TB thickness evolution upon relaxation. (a–c) HRTEM images showing S3 {111} TBs at t¼4h, 3 and 36 days after release. Note the increase in
the TB thickness from a–b in the ﬁltered images at the upper right insets of the micrographs, with 5-nm scale bar. No signiﬁcant change of the TB thickness
from b–c is observed. (d) Evolution of the TB thickness ratio (Tmeasured/T initial) of the TB1 and TB2 in a. A plateau is reached after 10 days.
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due to the formation of residual interfacial defects at the TBs such
as Frank sessile dislocations13,18 and the accumulation of lattice
dislocations20. Further, HRTEM observations have conﬁrmed the
behaviour shown in Fig. 4d, see Supplementary Note 3 and
Supplementary Fig. 5. Note that the evolution of ‘TB thickness’
should not be confused with a possible evolution of the ‘twin
thickness’, which can occur by TB migration induced by the
nucleation and glide of twinning dislocations. The latter, however,
was not observed in the present work.
The term ‘TBs thickness’ is deﬁned here as the distance
separating the two last nondistorted twinning planes delimiting
matrix and twin. The positions of these planes are indicated by
dashed white lines in the upper right insets of Fig. 4a–c, from
which the inclined {111} planes indicated by white solid lines in
the same insets start to deviate from the initial position because of
the accumulation of dislocations at the TBs (see Supplementary
Note 3 and Supplementary Fig. 6). Because the thickness may
change along individual TBs, the measurements reported in
Fig. 4d were always performed in the same region indicated by
dashed lines in Fig. 4a and shown in the upper right insets of
Fig. 4a–c. In order to ensure HRTEM observation of TBs in as
identical local orientation conditions as possible, the intensity
symmetry of the FFT patterns was accurately compared (see the
lower right insets of Fig. 4a–c). The presence of twins clearly
participates to the increased dislocation storage capacity of
nanotwinned metals21, as evidenced by the progressive loss of
coherency of TBs. This study thus shows, as an original side
result, that S3 {111} coherent TBs can be used as markers of the
level of plastic deformation developed in individual nanograins
during creep.
Evolution of grain size distribution. Another set of test
structures was used for ACOM-TEM measurements to provide
statistical data on the grain size distribution variation upon
relaxation (Supplementary Fig. 7). The ASTAR software was used
for the data acquisition. No evolution of grain size is observed,
conﬁrming the absence of GB migration. No GB sliding has been
observed by conventional TEM analysis. Hence, there are strong
lines of evidence that no GB-type mechanisms contribute to
relaxation in the present o1104 textured columnar grained
specimens. Obviously, this speciﬁc columnar microstructure may
affect the importance of GB processes and further experimental
and modelling studies are required to better understand the
impact of these morphological features on the competition
between the different deformation mechanisms.
Strain-rate-sensitivity analysis. The strain-rate sensitivity has
been evaluated from the stress versus strain evolution following
the approach proposed in ref. 22 in order to provide more
quantitative insight into the relaxation mechanisms related to the
TEM observations. The strain-rate-sensitivity exponent m is
deﬁned as m ¼ @ ln s@ ln _ep and the activation volume V is deﬁned as
V ¼ MkBT @ ln _ep@sth , where sth is the thermally activated component
of the stress, _epthe plastic strain rate, M the Taylor factor, kB the
Boltzmann constant and T the temperature. The activation
volume is a signature of the dominating thermally activated
deformation mechanism. The activation should, in principle, be
evaluated under conditions of frozen microstructure, using strain-
rate jump tests23. Here only an apparent activation volume can be
extracted because of the slow nature of the tests. The test gives
access to the total resistance, only which combines the thermal
component and a long-range contribution. Details of the
procedure used to determine the true activation volume based
on the apparent value are given in the Supplementary Note 4.
Although only semiquantitative, the analysis is sufﬁcient for our
purpose as the conclusions remain the same if the correction on
the data changes by a factor of two or more. The values reported
hereafter correspond to the true activation volume after
correction.
The inset of Fig. 1b shows the variation of V/M as a function of
the plastic prestrain. This value is an average over the time of
relaxation, see the Methods part. If M is taken equal to O3 as
proposed for face-centred cubic nanocrystalline materials5, V is
between 17 and 29 b3. These values agree with the values reported
in literature for nanotwinned Cu10 and nanocrystalline Ni4. These
values are larger than what is expected for diffusion (B1 b3) or
dislocation nucleation (a few b3)-dominated deformation
mechanisms. The activation volume decreases with increasing
plastic prestrain. This agrees with the idea that V depends on
dislocation density r. Taking V as proportional to the spacing
between two pinning points, V should be inversely proportional
to Or (see Supplementary Note 5), in agreement with ref. 12, if
there are, on average, more than a few dislocations in each grain,
which has been conﬁrmed with TEM. In the absence of
dislocation, V remains constant for a given grain size. For the
dislocation density of 7±0.7 1016m 2 attained after 2%
predeformation, the corresponding VB20 b3 matches with the
experimental values. Using a more sophisticated derivation
procedure where V is not taken a priori as constant, see
Methods, V tends to increase by a factor 3–10 over 38 days of
relaxation. This increase can thus be associated to a decrease in r,
again in accordance with the experimental observations, see
Fig. 3a. The increase in the activation volume during relaxation
can be quantitatively related to the decrease in the dislocation
density with time using simple arguments developed in
Supplementary Note 6. Hence, the time to restore dislocations
pinned by other dislocations and junctions constitutes the most
probable mechanisms dominating the relaxation behaviour, in
agreement with the TEM observations. Note that additional
effects probably contribute to the evolution of V such as the loss
of coherency of the TBs that can change the time of interaction of
the dislocations meeting such TBs.
Discussion
The on-chip testing technique developed in this work in
combination with time-resolved observation of the relaxation
mechanisms yields data difﬁcult to obtain using classical methods
during long periods of time. The technique is compatible with
fully in situ analysis in case of faster relaxation rates or if an
external perturbation is added to slightly modify the load
equilibrium condition such as with a small temperature change.
The observation that dislocations can dominate both the
hardening and relaxation behaviours in the present o1104
textured columnar nanocrystalline materials even at 30-nm grain
size opens perspectives to control the mechanical properties of
nanostructured materials. For instance, GB-mediated mechan-
isms that often lead to a high-rate sensitivity of nanocrystalline
materials can be avoided or, at least, mitigated, by the presence of
a o1104 textured columnar microstructure. Still, the relaxation
mechanisms observed in this study can be detrimental to the
mechanical stability in applications involving Pd-based nano-
beams or membranes.
Methods
On-chip nanomechanical testing of Pd ﬁlms. This part is inspired by the
supporting information of ref. 13. The on-chip nanomechanical testing method
used in this work to measure the tensile response of thin Pd ﬁlms relies on
microfabrication techniques as developed for microelectronic devices and MEMS.
The concept of the method22,24 is to use the internal stress (or equivalently the
elastic mismatch strain) present in a long beam, ‘the actuator’ (here 30-nm-thick
Si3N4), to deform another material attached to it, ‘the specimen’ (here 90-nm-thick,
B2-mm-wide Pd ribbons; Supplementary Fig. 8). The actuator material is selected
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in order to involve large internal stress building up during deposition. The actuator
and the specimen are patterned by successive photolithographies, and lie on a SiO2
sacriﬁcial layer, deposited on Si substrate. The Si wafer is selectively etched from
the backside to enable direct in-plane TEM observation (Fig. 1a). The SiO2
sacriﬁcial layer is ﬁnally etched leading to the actuator contraction and
deformation of the Pd beams under uniaxial tension (Supplementary Fig. 8).
The stress s and the mechanical strain emech in the deformed Pd specimens are
provided by the measurement of the specimen elongation and from knowing the
magnitude of the mismatch strain of both the actuator emisa and test sample e
mis.
The mechanical strain in the test specimen and actuator is given by the
difference between the total and mismatch strain, that is
emech ¼ ln l0 þ u
l0
 
 emis; ð1Þ
emecha ¼ ln
l0a  u
l0a
 
 emisa ; ð2Þ
respectively, where l0 is the initial length of the specimen, l0a is the initial length of
the actuator beam and u is the displacement of the structure. Assuming the
actuator material remains elastic and knowing the Young’s modulus, the stress is
given by
sa ¼ Eaemecha ð3Þ
where Ea is the Young’s modulus of the actuator material. The actuator is made
here of Si3N4, which is a brittle linear elastic material. Finally, the stress in the
specimen can be calculated using
s ¼ sa SaS ; ð4Þ
where Sa and S are the actuator and test specimen cross-section areas, respectively.
A complete stress–strain curve is generated by varying the actuator versus
specimen length ratio (see Supplementary Fig. 9a). The design and error analysis
have been detailed in ref. 24. The most important sources of error on the stress
extraction come from the errors on the measurement of u and emisa . The uncertainty
on the displacement measurement is considered to be better than 50nm when using
high-magniﬁcation ﬁeld emission gun scanning electron microscope (FEG SEM)
micrographs (Supplementary Fig. 9b and c). The current precision estimation of the
mismatch strain is about 5% using dedicated test structures near the set of tensile
structures, such as rotating sensors25,26, free actuators and clamped–clamped
beams27. This leads to an error on the stress of B10%. The value of the mismatch
strain is also cross-checked based on Stoney-type measurement of the internal
stress combined with the knowledge of the Young’s modulus obtained by
nanoindentation27. The value of emisa is typically B0.003. Regarding the
measurement of the strain, only the error on u is critical. Considering the dimensions
of the test structures, it results in less than 5% relative error on the strain.
The main advantage of the method is the capacity to very easily produce a high
number of data, the simplicity and the capacity to generate well-controlled stress
state. By extracting a stress–strain curve from different specimens, the method
takes into account material scatter. The main disadvantage is that the loading rate
is uncontrolled and that the specimen is always analysed within the relaxed
conﬁguration.
Fabrication process. A double-side-polished Si wafer with a thickness of
180±20 mm was selected. First, a 1-mm-thick plasma-enhanced chemical vapour
deposition SiO2 sacriﬁcial layer was deposited on the front side of the wafer. This
layer was densiﬁed during 20min at 800 C to provide optimum control of the
etching rate (that is, etching time on about 1min) and to avoid any modiﬁcation of
this layer during the following steps. After, the actuator beam consisting of a low-
pressure chemical vapour deposition Si3N4 was deposited at 800 C on top of the
SiO2 layer, resulting in large tensile internal stress, and patterned by classical
photolithography. The thickness of the Si3N4 actuator material is related to the Pd
ﬁlm thickness. Here the actuator layer thickness was 30±2 nm for a ﬁlm thickness
of 90±5 nm. The average mismatch strain in the Si3N4 actuator material is equal to
 0.0029 (see ref. 26 for details about the test structures used to estimate it). The
Young’s modulus was directly measured by nanoindentation as equal to
240±10GPa. Similar values were obtained using another method27. Then, the Pd
ﬁlm has been evaporated at 1Å s 1 on a 1-nm-thick Ti adhesion layer and on top
of the former layers. The Pd layer and its adhesion layer have been patterned using
lift-off photolithography. A reversal photoresist was used for the lift-off. The
photoresist was ﬁrst spin-coated and baked at 110 C during 90 s. Then, it was
exposed using the appropriate mask and re-baked at 120 C during 90 s.
Afterwards, a last exposure without mask was performed to inverse the resist.
Finally, the resist was developed in a tetramethylammonium hydroxide-based
solution. To pattern the backside of the wafer, spin-coating and -patterning of a
plasma-resistant photoresist was performed. This step is followed by a deep
reactive ion etching from the backside of the Si wafer until reaching the SiO2 layer.
The design of etched area is such that 3mm in diameter rings are created with an
opened area in the middle where the tensile structures are free-standing (Fig. 1a).
Then, the wafers were cleaned with acetone and methanol to remove all photoresist
residues.
To facilitate the later microscopic observations and to concentrate the
deformation, notches have been machined every two beams with FIB (see details
further). Notches have a disc shape and reduce the beam width by 40%
(Supplementary Fig. 10). Still, the tensile structures are lying on the sacriﬁcial layer.
The release of the test structures was performed at room temperature by etching
the SiO2 sacriﬁcial layer with HF (73%). Prior etching selectivity studies performed
with the same conditions have shown almost no alteration of the Si3N4 and Pd
layers by the HF etchant. The tensile structures are now free-standing and directly
ready to be observed in the TEM. Once the structures are released, plastic
deformation takes place. It is thus no longer possible to observe the initial (that is,
undeformed) microstructure of the ﬁlms used in the creep experiments in TEM.
TEM cross-section thin foils have thus been prepared by FIB on the as-deposited
ﬁlms in order to observe ex situ the initial microstructure (that is, grain size,
dislocation density, coherency of the growth TBs and so on). Once released, the
structures were subjected to a critical point drying treatment in order to avoid
lateral stiction. Measurements of the displacement u and of all geometric
parameters were carried out in a FEG SEM. Several cursors are located on the sides
of the structures. Four measurements are performed for each structure (on each
side of the cursor and using at least one cursor on each side of the beam). All
structures are labelled based on the position on the wafer. This labelling is
important for relaxation measurement to ensure following exactly the same
structure each time. Ellipsometry was used to measure the actuator and sacriﬁcial
layer thicknesses. A proﬁlometer was used to evaluate the curvature of the system
after each deposition (in order to estimate the internal stress using the Stoney
method) and to measure the thickness of the nontransparent Pd layer.
Mechanical analysis of relaxation. The relaxation experiment is performed by
measuring deformation at different time intervals. Both stress and strain vary with
time. The strain-rate sensitivity m (Equation 5) and the apparent activation volume
Vapp (Equation 6) (see Supplementary Note 4 for the estimation of the true
activation volume based on the apparent one) can be extracted by following the
stress–strain evolution of the Pd beams as
m ¼ @ ln s
@ ln _ep
; ð5Þ
Vapp ¼ MkBT @ ln _ep
@s
; ð6Þ
where s is the stress in the beam, _ep the plastic strain rate, M the Taylor factor,
kB the Boltzmann constant and T the temperature.
The experimental determination of m and Vapp has been performed using two
methods: a simple procedure based on some preliminary assumptions and a more
complex one that has already been detailed in ref. 22 but that will be also presented
hereafter.
The behaviour of one Pd beam is schematically shown in Supplementary
Fig. 11. Before the release step, the stress inside the actuator is maximum. If this
actuator is released alone without being attached to a Pd beam, the stress would be
zero. When the system actuator sample is released, it reaches force equilibrium. As
the actuator does not relax (which has been veriﬁed by measuring the displacement
of test structures made of a SiN actuator and SiN specimen over long periods of
time), the way this equilibrium evolves is because of the relaxation of the Pd sample
(Supplementary Fig. 11).
After successive measurements of one speciﬁc structure inside an SEM, the
displacement evolution with time is obtained, thanks again to the moving and
reference cursors (Supplementary Fig. 8). On the basis of the variation of u with
time, one can determine using Equations 1 and 4 the variation with time of the
total strain emech and stress s, respectively. The plastic strain is obtained by
subtracting the elastic strain (s/E where E is the Young’s modulus) from the total
strain. Then, the plastic strain rate is obtained by derivation with time, and ﬁnally
the derivative of the plastic strain rate by the stress is performed22. As a ﬁrst simple
mean to analyse the displacements u versus time t data, a logarithmic variation is
assumed. The ﬁts are shown in Supplementary Fig. 12 for the beams analysed in
the present paper. Imposing a logarithmic variation of u with t leads to a constant
average activation volume independent of time.
The second ﬁtting procedure involves more sophisticated derivation procedures
based on nurbs or cubic splines to ﬁt the u versus t data. On the basis of the ﬁtted
curve, the plastic strain and stress evolutions can be obtained and, using
derivatives, one gets the strain-rate sensitivity evolution and the activation volume
of this Pd beam (Supplementary Fig. 13). The procedure is repeated to compare the
values of different beams with different initial stress levels (Supplementary Fig. 14).
The results are scattered because of experimental errors. Nevertheless, the average
level of V does not change. The only new information is a moderate to large
increase in V with relaxation. Note that all these measurements are performed on
straight beams. The notches produced by FIB are only used for TEM analysis. All
test structures, with or without notches, come from the same wafer and are thus
nominally the same.
Preparation of notches for time-resolved TEM analysis. Notches were milled
every two Pd beams using a FIB of 30 kV per 7 pA before release. The goal was to
produce a shallow stress and strain concentration in a small area to facilitate local
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HRTEM and ACOM TEM observations. The beams without notches, that is,
involving a perfectly uniaxial stress state, were used for the mechanical analysis.
Supplementary Fig. 10 shows a low-magniﬁcation TEM image of a Pd beam with
notches. It is worth mentioning that, most of the time-resolved HRTEM investi-
gations (that is, dislocation density and TB-thickness measurements) were per-
formed close to the edge of the notches. Indeed, owing to FIB milling, the thickness
of these edges was smaller than in the rest of the Pd beam (B90 nm). The stress in
the notched region is obtained from the original stress through correcting for the
new cross-section area assuming that the machining of the notch has not changed
signiﬁcantly the state of equilibrium (which is correct in view of the small notch
opening). The strain in the notched region can then be approximately deduced
from the known stress level. Then, the corresponding strain can be obtained using
the stress–strain relationship (Fig. 1b).
Sample thinning for ex situ TEM and ACOM-TEM analysis. Owing to the
submicron dimensions of the studied Pd beams, FIB thinning with the ‘lift-out’
procedure was used for the preparation of TEM samples from the as-deposited Pd
beams for ex situ TEM analysis. The main advantage of this technique is that TEM
samples can be made directly from the desired location. Cross-sectional and
plan-view TEM thin foils were prepared using FIB. A protective Pt layer was
deposited on the Pd beam before FIB milling. This prevents the surface of the Pd
beam being damaged by the incident Gaþ ions. Ion beams of 30 kV per 3 nA and
30 kV per 0.3 nA were used for sample-cutting and early-stage milling, with a probe
size of 81 and 33 nm, respectively. For the ﬁnal step, an ion beam of 5 kV per 14 pA
was employed to achieve the ﬁnal milling and to minimize any amorphous layers
generated during high-voltage FIB milling. Preparing TEM thin foils by FIB
ensures the existence of one grain through the thickness that improves the HRTEM
and ACOM-TEM observations.
HRTEM analysis. HRTEM analysis (TB thickness and dislocation density) was
performed in a TECNAI G2 (Field Emission Gun, 200 kV) microscope during the
relaxation of the Pd ﬁlms in order to follow the time evolution of the dislocation
density as well as the accumulation of dislocations at the TBs. The HRTEM
observations were made in the notched area of the beams to ensure the observation
of a plastically deforming or relaxing zone and to provide landmarks for the follow-
up of exactly the same well-oriented grains each day. The successive observations
performed on different days (while keeping the sample in the holder but outside of
the microscope) have been carried out carefully in nearly identical orientation and
imaging conditions. Tilting the samples was thus intentionally avoided to facilitate
the repeatability of the observations in similar orientation conditions. FFT patterns
were recorded and their symmetry was analysed and compared. Consequently, the
dislocation density as well as the TB thickness measurements do not suffer from
misorientation artefacts (see Supplementary Note 3). Furthermore, the edges of the
notches often contain FIB-induced amorphous domains that can be used as
references for the acquisition of HRTEM images in similar defocus conditions.
The evolution of the TB thickness was performed on HRTEM images via the
time-resolved observation of the coherency of growth
P
3 {111} TBs. The HRTEM
images were acquired at different times from the same regions containing these
boundaries. The TB thickness term is deﬁned as the distance separating the two last
nondistorted twinning planes located in the matrix grain and the twin grain.
An attempt was made to determine the exact positions of these planes in
[110]-oriented HRTEM images using the variation of the intensity proﬁle along the
second set of {111} planes inclined relative to the twinning plane in the IFFTs.
Supplementary Fig. 15 shows an example of this approach. In this ﬁgure, the
position of the last nondistorted (111) twinning plane in the matrix grain is
determined from the intensity proﬁle plotted along the (111) plane in the IFFT.
This position is indicated by a black arrow in Supplementary Fig. 15 in which a
clear drop of the intensity is observed because of a perturbation of the stacking
sequence ABCABCy inducing a shift of the position of the atoms. Such a feature
is attributed to a local loss of coherency of the TB because of the accumulation of
dislocations at this boundary.
The detection uncertainty of the last nondistorted twinning plane using the
IFFTs corresponds to one atomic plane (see the intensity proﬁle of Supplementary
Fig. 15). By consequence, the estimated error for the measurement of the TB
thickness ratio (Tm/Ti) is ±0.3 nm using the following formula:
dz ¼ zj j
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
dTm
Tm
 2
þ dTi
Ti
 2s
where zj j ¼ Tm
Ti
ð7Þ
Dislocation density was measured by counting extra half planes on IFFTs generated
from HRTEM images using masks applied on each g vector. The time evolution
of dislocation density for the region indicated in Fig. 3b is presented in
Supplementary Fig. 4. It can be seen that the local dislocation density measured
in this region follows the average relaxation trend shown in Fig. 3a.
ACOM-TEM analysis. The grain size distribution and the crystallographic texture
of the Pd ﬁlms were investigated using the ASTAR method in a Philips CM20
microscope (LaB6, 200 kV). This technique that uses small probe diffraction spot
(spot of 13 nm here) patterns in TEM is an effective method for mapping phase
and crystal orientation and an alternative to more conventional electron-back-
scattered diffraction (EBSD) in SEM based on Kikuchi line patterns. The ACOM-
TEM technique has better spatial resolution (8 nm in the present case) in com-
parison with EBSD, which has a spatial resolution in the range of 30–50 nm
depending on the material type28–30. A selected area is scanned with a small probe
and the electron diffraction spot patterns are collected using an external CCD
camera. Off-line, every diffraction pattern is compared with the pre-calculated
templates of selected phases and the best match is selected31. In order to eliminate
the ambiguity that can exist for highly symmetric orientations, a build in clean-up
procedure in the OIM TSL software from EDAX Inc. has been used. By using this
clean-up procedure, a single orientation for each ambiguous condition is selected.
ACOM-TEM orientation maps are 250 250 pixels in size and were obtained
using a step size of 8 nm with an acquisition frequency B70 frames per second.
In order to avoid ambiguities for the measurement of the grain size distribution,
S3 {111} TBs were excluded from the measurements shown in Fig. 2a.
To determine the grain size, histograms of grain size distribution were ﬁtted
using a lognormal distribution32:
NðdÞ ¼ A exp  log d log d0ð Þ
2
2s2d
 
ð8Þ
where N(d) is the number of grains with a particular width d, A is the amplitude
of the mode, d0 is the mean of the width and sd is the s.d.
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